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Photovoltaic mixed-cation lead mixed-halide
perovskites: links between crystallinity,
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Lead mixed halide perovskites are highly promising semiconductors for both multi-junction photovoltaic and

light emitting applications due to their tunable band gaps, with emission and absorption energies spanning the

UV-visible to near IR regions. However, many such perovskites exhibit unwanted halide segregation under

photo-illumination, the cause of which is still unclear. In our study, we establish crucial links between crystal

phase stability, photostability and optoelectronic properties of the mixed-cation lead mixed-halide perovskite

CsyFA(1�y)Pb(BrxI(1�x))3. We demonstrate a region for caesium content between 0.10 o y o 0.30 which features

high crystalline quality, long charge-carrier lifetimes and high charge-carrier mobilities. Importantly, we show

that for such high-quality perovskites, photo-induced halide segregation is strongly suppressed, suggesting that

high crystalline quality is a prerequisite for good optoelectronic quality and band gap stability. We propose that

regions of short-range crystalline order aid halide segregation, possibly by releasing lattice strain between iodide

rich and bromide rich domains. For an optimized caesium content, we explore the orthogonal halide-variation

parameter space for Cs0.17FA0.83Pb(BrxI(1�x))3 perovskites. We demonstrate excellent charge-carrier mobilities

(11–40 cm2 V�1 s�1) and diffusion lengths (0.8–4.4 mm) under solar conditions across the full iodide–bromide

tuning range. Therefore, the addition of caesium yields a more photo-stable perovskite system whose

absorption onsets can be tuned for bandgap-optimized tandem solar cells.

Broader context
Hybrid metal halide perovskites have emerged as an important new class of materials for photovoltaics. Their integration in tandem with other photovoltaic
technologies such as silicon cells is highly desirable, allowing low-cost cells with efficiencies in excess of the Shockley–Queisser single-junction limit. Optimized
photocurrent matching between top and bottom cells requires careful control over band-gap energy of the perovskite, for which tunable mixed iodide–bromide
lead perovskites are the most prominent contenders. However, photo-stability across the full halide mixture has proven elusive for single-cation
methylammonium or formamidinium perovskites, with the material segregating into iodide-rich and bromide-rich regions under illumination. Here we
examine the highly tunable, mixed-cation, mixed-halide perovskite CsyFA(1�y)Pb(BrxI(1�x))3 to identify regions of structural instability and their prominent
causes. Crucially, we show that materials in regions of enhanced crystallinity are also more stable against photo-induced halide segregation. Our findings
demonstrate that crystal interfaces in the perovskite play a determining role in nucleating such halide segregation. We demonstrate that once the material
contains a suitable fraction of caesium, excellent charge-carrier mobilities and diffusion lengths can be obtained across the full iodide–bromide tuning range.
Careful control over crystallinity and alloying can therefore yield photo-stable perovskites with band gaps optimized for tandem solar cells.

Introduction

In recent years, single junction perovskite solar cells (PSC)
have attracted considerable attention, with power conversion

efficiencies (PCE) increasing substantially from 3.8% in 20091

to the current world record of 22.1%.2–5 In addition, tandem
architectures such as perovskite-on-perovskite and perovskite-
on-silicon have been reported with efficiencies ranging between
19–23%6–9 and stipulated potential for reaching 35%,10 far in
excess of the Shockley–Queisser limit for conventional single
junction solar cells.11 Such extraordinary performance has been
attributed to excellent optoelectronic and material-specific
properties of hybrid perovskites which make them well suited
for photovoltaics. Hybrid metal halide perovskites have been
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shown to feature high optical absorption in the visible region,12,13

sharp band edges, low trap densities14 and desirable charge
transport properties such as high charge-carrier diffusion lengths
coupled with long charge-carrier lifetimes.15–20 In addition, these
materials allow for a range of versatile processing techniques
including spin coating,21–23 2-step interdiffusion,24 chemical
vapour deposition,25 spray pyrolysis,26 atomic layer deposition,27

dip coating,28 and thermal evaporation,29,30 making perovskites a
top contender for low-cost solar energy conversion. The variability
of the perovskite ABX3 crystal structure accommodates a relatively
wide material space to be explored. Efficient perovskite photo-
voltaics have incorporated methylammonium (MA+, CH3NH3

+),
formamidinium (FA+, CH3(NH2)2

+) or cesium (Cs+) as the A
cation.13,28,31 The most popular divalent B metal cations32 are
typically Pb2+ or Sn2+, and the final component is a halide anion
X = (Cl�; Br�; I�).15,33 By intermixing these components the
bandgap of perovskites can be tuned widely, which allows
attractive coloration and most importantly, bandgap engineering
for tandem solar cell design.

Despite the success story of perovskite solar cells in the
research lab, arguably the most pressing issue to address before
commercialisation is long-term stability. Here, the challenge is
threefold, since instabilities may arise from changes in crystal
structure, chemical decomposition, or de-mixing (such as halide
segregation). For instance, the most widely studied MAPbI3 under-
goes a structural phase transition above 55 1C,34 and degrades
quickly upon exposure to moisture, air and heat above 85 1C.35

Alternatively, FAPbI3 offers improved thermal stability and a
reduced band gap closer to the optimum value for single junction
solar cells.11 However, FAPbI3 is prone to a structural instability at
room temperature, transforming from the photo-active ‘‘black’’
perovskite a-phase into a photo-inactive ‘‘yellow’’ non-perovskite
hexagonal d-phase (dH-phase) aided by the presence of solvents and
humidity.12,34,36 Alternatively, all-inorganic perovskite solar cells
employing caesium (Cs+) as the A cation have been explored.31,37

Because of the smaller ionic radius of the Cs+ cation38 – 1.81 Å
compared to 2.70 Å for MA+ and 2.79 Å for FA+ – the bandgap of
CsPbI3 widens to 1.73 eV, within the optimum range of 1.7 to 1.8 eV
for a top cell material in tandem with a crystalline Si bottom solar
cell.39 However, the photo-active black a-phase of CsPbI3 only
crystallizes above 300 1C while at lower temperatures the material
reverts back to a photo-inactive yellow orthorhombic d-phase
(dO-phase).37,40 Nonetheless, mixed halide CsPb(BrxI(1�x))3

materials show significantly better resistance under heat stress41

and enhanced photo-stability42 compared to their MA+ and
FA+-based counterparts.

Such differing causes of instability triggered an intense
research strand to create stable alloys, that is, to use A-cation
intermixing to create hybrid perovskites devoid of thermal or
structural instabilities.43–46 For example, initial attempts to
substitute small amounts of FA+ with MA+ in FAPbI3 were shown
to stabilize the perovskite phase and yield higher PCEs, resulting
from the stronger interaction between the more polar MA+ and
the PbI6 octahedral cage.47 However, mixed-cation FA+/MA+ perov-
skites still retained a propensity towards decomposition and
degradation under heat stress and humid environments,36,48

which is probably caused by the relatively volatile nature of
methylammonium.35 A promising recent avenue has been the
partial substitution of Cs+ for FA+, MA+ or MA+/FA+ for which
substantial enhancements of the PCE and photo- and moisture
stability were found by a range of groups.44–46 Li et al. argued that
the effective ionic radius of the Cs+/FA+ mixture can be used to fine-
tune the Goldschmidt tolerance factor towards structurally more
stable regions.49 Saliba et al. demonstrated triple-cation perovskite
solar cells with stabilized efficiencies to above 21%, suggesting that
the addition of Cs+ to MA+/FA+ mixed cation perovskites further
eliminates remnant yellow phase impurities.43

Such attempts to stabilise the crystal structure of hybrid
perovskites through cation intermixing could potentially also have
the beneficial side effects of preventing halide segregation. Mixed-
halide iodide–bromide perovskites are an important material
class that can allow a 1.75 eV bandgap crucial for integration
with silicon in tandem cells.6 However, both MA+ and FA+ versions
of lead mixed-halide perovskites have been found to be unstable
under illumination, with the material segregating into iodide-rich
and bromide-rich regions.15,50 Recently, McMeekin et al. demon-
strated a mixed-cation Cs0.17FA0.83Pb(Br0.4I0.6)3 perovskite with
1.74 eV bandgap that allowed for 17% PCE in a single-junction
device and exhibited low disorder, long charge-carrier lifetimes
and high mobilities.6 These mixed-cation mixed-halide perov-
skites could be crystallised at much higher temperatures than
previously reported hybrid perovskites, which lead to materials
with high levels of crystallinity, as judged by X-ray diffraction
measurements. Importantly, this material appeared not to suffer
from halide-segregation, which had previously marred prospects
for wide-band gap mixed halide perovskites. This finding, along
with observations by Zhou et al.,51 suggests that enhanced crystal-
linity may open a pathway towards suppressing halide segregation
and creating a perovskite absorber material which can sustain a
wide band gap and high open-circuit voltage.

Here we examine such links by exploring a wide parameter space
in the mixed-cation, mixed-halide perovskite CsyFA(1�y)Pb(BrxI(1�x))3.
We identify boundaries and transitions between different alloy-
ing regions with structural instability and identify their promi-
nent causes. Our investigation highlights a strong link between
crystallinity and optoelectronic properties such as trap-related
recombination and charge-carrier mobility. Crucially, we show
that materials in regions of enhanced crystallinity are also more
stable against photo-induced halide segregation. Our findings
demonstrate that crystal interfaces in the perovskite play a
determining role in nucleating such halide segregation. Careful
control over grain boundaries may therefore be sufficient to
eliminate such effects, giving rise to photo-stable materials.

Results & discussion

We commence our study by first characterizing the structural
stability of the mixed-cation series CsyFA(1�y)Pb(Br0.4I0.6)3 with
Cs+ content y varying between 0 and 1. Fig. 1 displays sample
X-ray diffraction (XRD) patterns for four CsyFA(1�y)Pb(Br0.4 I0.6)3

films with different Cs+ fractions y = 0.01, 0.05, 0.20, 0.60;
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further spectra covering the full range of y are shown in the
ESI† (Fig. S1 & S2). The (100) and (200) reflections off the
CsyFA(1�y)Pb(Br0.4I0.6)3 perovskite are clearly visible near 2y B
14–151 and 28–301. However, additional diffraction peaks can
also be observed, in particular for low and high caesium
content. We identify these peaks as belonging to the yellow
hexagonal dH-phase, which features for the FA+ rich samples,
and to the orthorhombic dO-phase which contributes at the Cs+

rich end of the series. For ease of identification, Fig. S1 in the
ESI† presents XRD patterns of tri-iodide and mixed-halide
FAPbX3 and CsPbX3 films that have converted into the yellow
d-phase. Increasing the Cs+ content from 0 to 5% (Fig. 1b) leads
to a marked reduction in such inclusions while at 20% Cs+

content (Fig. 1c) they are mostly, but not entirely, suppressed,
and the XRD spectrum exhibits strong, sharp perovskite
a-phase peaks. By examining in suitably small steps the full
Cs+ concentration range we find that the (100) reflection has the
highest intensity for Cs0.2FA0.8Pb(Br0.4I0.6)3 (y = 0.2), indicating
the highly crystalline nature at this particular caesium fraction
(Fig. S3, ESI†). Beyond y = 0.2, the perovskite diffraction ampli-
tude declines, and reflections assigned to the yellow dO-phase,
associated with Cs+ rich films, appear. At y = 0.60, the crystal

structure is still relatively strongly oriented and ordered, however,
the dO phase emerges and adversely affects the crystallinity of the
material (Fig. 1d). This structural instability can be understood in
terms of the Goldschmidt tolerance factor for such compounds.
While the FAPbI3 perovskite a-phase exists at the upper end of the
tolerance range due to the large ionic radius of FA, the CsPbI3

perovskite a-phase forms at the lower end; hence both compounds
have a tendency to deteriorate into competing d-phases.49 Mixing
Cs+ and FA+ yields structurally stable compounds because the
effective ionic A cation radius lies closer to that of MA+ and
therefore is more amenable to the perovskite structure promoting
higher crystallinity. Yi et al.45 theoretically calculated that the
mixed Cs+/FA+ cation perovskites should be structurally stable
over the entire phase composition. However, our experimental
results here suggest that good structural stability is only achieved
within the range of y = 0.1 to 0.3.

An additional factor influencing mixed Cs+/FA+ perovskites
is the internal distortions that may arise when ions of such
differing ionic radii are distributed across the A cation sites. We
discover clear indications for such distortion, as for example in
the slight splitting of the perovskite reflection peak visible at
B29.81 for 80% Cs+ inclusion (see Fig. S2, ESI†).6,38 In addition,
we find that the pseudo-cubic lattice parameter derived from the
peak shift of the (100) XRD reflection changes in a non-linear
manner with caesium content. Fig. 2a displays the observed
(100) peak shift from B14.21 to 14.91, and the associated
(Bragg’s law) lattice parameter reduction from 6.25 to 5.96 Å
over the entire compositional range under study. The reduction
of the pseudo-cubic cell volume with increasing incorporation of
the smaller Cs+ cation results from a stronger interaction between
the A cation and X halides.46 In addition, it may increase the
cationic charge of Pb2+ ions, thus changing the bonding nature
between Pb2+ and halides in the 3D perovskite.52 Interestingly, the
(100) diffraction peak shifts with Cs+ content in a distinctly non-
linear manner. The associated lattice parameter (Fig. 2a, inset) first
decreases relatively gently towards 30%, but then drops abruptly
beyond. This behaviour is markedly different from MA+-to-FA+

organic cation and I�-to-Br� halide substitutions6,53 for which
linear shifts in lattice parameter (Vegard’s law) are generally
observed. We attribute the non-linear shift observed here to
the substantial mismatch between the ionic radii of Cs+ and FA+

(0.98 Å), which is an order of magnitude larger than that between
MA+ and FA+ (0.09 Å) and approximately five times larger than the
difference between Br� and I� (0.21 Å).38,54 As a result, the lattice
may become extremely distorted in particular for the central
regions of relatively even Cs+ and FA+ contributions, leading to
rapid changes in lattice parameter and potentially a change in
space group. This observation is corroborated by photolumines-
cence (PL) and absorption measurements (Fig. 2b), which display a
similar trend, namely abruptly shifting PL peaks (red dots) and
absorption onsets (black dots) between 30–60% Cs+ content.
Across the full compositional range, the PL peak energy EPL tunes
broadly from 1.72 eV to 2.05 eV (Fig. 2b). The absorption onsets
EAbs are only slightly blue-shifted (by B10–40 meV) which suggests
that the PL mainly arises from band-edge emission rather than
from trap states, or impurity regions rich in iodide.

Fig. 1 X-ray diffraction (XRD) pattern of four different CsyFA(1�y)Pb(Br0.4I0.6)3
perovskite films with Cs+ content varying as (a) y = 0.01, (b) y = 0.05,
(c) y = 0.20 and (d) y = 0.60. dH and dO denote diffraction peaks from
the hexagonal d-phase of FA-rich CsyFA(1�y)Pb(Br0.4I0.6)3 and the ortho-
rhombic d-phase of Cs-rich CsyFA(1�y)Pb(Br0.4I0.6)3, while (*) marks
diffraction patterns related to the z-cut quartz substrates.
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Overall, our investigations demonstrate that the structurally
most stable compositions in the CsyFA(1�y)Pb(Br0.4I0.6)3 series
are found in the region for Cs+ content of 0.1 o y o 0.3, since
within this range we observe little evidence for Cs+ of FA+ yellow
phase inclusions.

We illustrate the influence of Cs+/FA+ composition upon the
crystallinity for the CsyFA(1�y)Pb(Br0.4I0.6)3 perovskite, in Fig. 3a,
where we display the FWHM of the (100) cubic perovskite
peaks as a function of Cs+ content. According to the Scherrer
equation, the broadening of peak widths from XRD patterns
are inversely proportional to the mean crystallite size in the
films and/or the microstrain.55–57 We find that on adding Cs+ to
FAPb(Br0.4I0.6)3, the FWHM decreases by 62% until a global
minimum is reached at y = 0.2. At the same time, we also
observe a significant increase in the scattering peak intensity
with the addition of caesium, up to x = 0.2, with a subsequent,
consistent reduction in scattering intensity with further

increases in caesium content (Fig. S3, ESI†). Both of these
observations, i.e. the narrower peak widths and significant
increase in scattering intensity, show that the addition of a
small fraction of caesium results in an increased fraction
of crystalline material and/or larger crystalline domains. The
narrower peak widths may also indicate reduced microstrain,
another indicator of high crystalline quality.

To elucidate the link between crystalline quality and opto-
electronic properties, we proceed by determining charge-
carrier mobilities and trap-related recombination rates in
CsyFA(1�y)Pb(Br0.4I0.6)3 films. Fig. 3b presents effective charge-
carrier mobilities measured using optical-pump, THz-probe
(OPTP) spectroscopy (see ESI† for details). Under the reasonable
assumption that excitonic effects are weak at room temperature16,17

and hence the free-charge conversion is close to unity, these
values represent charge-carrier mobilities at THz frequencies.
We find excellent correlation between charge-carrier mobility
and crystallinity (Fig. 3a & b). Adding Cs+ to the poorly crystal-
line FAPb(Br0.4I0.6)3 film results in a steep rise in charge-carrier
mobility up to a relative Cs+ content of 0.2 and is then followed
by a plunge to much lower values in the 0.3 o y o 0.8 region.
Consequently, the material with the sharpest XRD diffraction

Fig. 2 (a) Shift of the cubic (100) reflection peak in CsyFA(1�y)Pb(Br0.4I0.6)3
perovskite with varying Cs+ content (0 o y o 0.8) taken from XRD spectra
in Fig. 1. Inset: Value of the (100) crystallographic plane separation with
varying Cs+ content derived from the scattering angle (Bragg’s law)
(b) absorbance onset values EAbs (black dots), determined from the maximum
of the differential of the absorbance spectra near the absorption edge taken
with Fourier transform infrared spectroscopy (shown in Fig. S5, ESI†). PL peak
positions EPL (red dots) were taken from in situ steady-state PL spectra
(shown in Fig. S4, ESI†) following excitation at 400 nm with an intensity of
14.9 mW cm�2 (fluence of 13.5 mJ cm�2, pulse duration 40 fs, repetition
rate 1.1 kHz).

Fig. 3 (a) Full width at half maximum (FWHM) of the (100) XRD peak in
CsyFA(1�y)Pb(Br0.4I0.6)3 perovskites, with varying Cs+ content (0.0 o y o 0.8)
taken from the respective XRD spectra (Fig. S2, ESI†). The solid line is a guide
to the eye. (b) Effective charge-carrier mobilities of CsyFA(1�y)Pb(Br0.4I0.6)3
with varying Cs+ content y. Error bars indicate the range of values obtained.
(c) Charge-carrier lifetimes of CsyFA(1�y)Pb(Br0.4I0.6)3 films with varying Cs+

content obtained from TCSPC measurements at low excitation fluence
(Fig. S6, ESI†). The films were excited at a wavelength of 400 nm. The grey
shaded area bound by dotted vertical lines marks the region of relative
Cs+ content with high crystallinity and stability.
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peaks, Cs0.2FA0.8Pb(Br0.4I0.6)3 ( y = 0.2), also exhibits the highest
charge-carrier mobility of (18 � 2) cm2 V�1 s�1, consistent with
our previous report for a similar composition,6 and signifying a
striking improvement compared to the earlier reported15 highly
disordered FA+ cation, mixed-halide FAPb(Br0.4I0.6)3 perovskite
(1 cm2 V�1 s�1).

Another factor that may be strongly influenced by crystal
grain size is trap-mediated recombination, considering that a
number of studies suggest increased trap density at grain
boundaries.58,59 According to DFT studies, such traps could
comprise elemental defects such as lead vacancies (electron
traps) or interstitial organic cation FA+ (hole traps).60 In addition,
grain boundaries may reduce the bandgap and increase electron–
phonon coupling, thus accelerating the non-radiative charge
recombination.61 Crystal defects, such as dislocations and
terraces may also lead to microstrain in the perovskite and be
responsible for the formation of trap sites.57 Fig. 3c displays
time-resolved PL lifetimes derived from time-correlated single
photon counting (TCSPC) (traces shown in Fig. S6, ESI†) under
low-intensity pulsed excitation for which decay dynamics mostly
reflect non-radiative trap-assisted recombination. PL lifetimes
again inversely correlate with the XRD peak width, displaying a
peak value for y = 0.20 (79 ns), with strongly diminishing
numbers for compositions in the range of y o 0.1 (4–15 ns)
and y 4 0.30 (5–11 ns) (Fig. 3c). For CsyFA(1�y)Pb(Br0.4I0.6)3 we
hence identify the region of 0.1 o y o 0.3 Cs+ content as yielding
the most stable crystal structure, highest crystalline quality and
optimized optoelectronic properties for photovoltaics.

The crucial question to be answered for these mixed-halide
perovskites is whether such systems can be stabilized against
photo-induced halide segregation, which has been observed
in a number of FA+ and MA+ based lead mixed halide
perovskites.15,42,50 The light-induced mechanisms driving the
segregation of such perovskites into iodide-rich and bromide-
rich domains are still poorly understood. We therefore use
the now well-characterized CsyFA(1�y)Pb(Br0.4I0.6)3 system to
investigate the photo-stability of the material against halide
segregation and to explore the mechanisms driving this effect.
In Fig. 4 we present photo-induced changes to the PL emission
wavelength as a function of time under excitation, for
CsyFA(1�y)Pb(Br0.4I0.6)3 films, using Cs+ concentration levels from
three distinct regions of high FA+ ( y = 0.05) and high Cs+ ( y = 0.60)
materials, and for the most crystalline material ( y = 0.20). Over the
course of 30 minutes the films are excited with light at 400 nm with
an intensity of 100 mW cm�2 (equiv. 1 Sun), and the average energy
of the emitted photons hEphi is extracted from the measured PL
spectra (provided in Fig. S7, ESI†). We find that hEphi shows only
a marginal change for the y = 0.20 film, while conversely, on
the compositional edges, both the low Cs+ y = 0.05 and high Cs+

y = 0.60 films exhibit a decline in their average photon energy hEphi
in accordance with halide segregation, which results in charge-
carrier funnelling into low-band-gap iodide-rich domains.

These observations demonstrate a strong correlation between
material crystalline quality and stability towards photo-induced
halide segregation. We note that Hu et al. similarly found that
films of MAPbBr0.8I2.2 displayed strongly enhanced photo-stability

when processed on a non-wetting hole transporting layer that
yielded larger crystallites.62 Our results hence demonstrate that
the coveted scenario of stable mixed-halide perovskites with
1.7 to 1.8 eV band gap can be achieved provided the crystalline
quality of the material is sufficiently high.

These findings also shed light on the fundamental mechanisms
underlying the photo-induced halide segregation in mixed
iodide–bromide perovskites. Recent theoretical work has sug-
gested that the MAPb(BrxI(1�x))3 system suffers from a general
miscibility gap in the central region (0.3 o x o 0.6) because of
the mismatch between the two different halide anion radii.63

However, photo-induced halide segregation in MAPb(BrxI(1�x))3

has been found to reverse spontaneously over the time scale of
a few minutes after the illumination has been removed. Hence
such experimental studies do not point towards a miscibility
gap being primarily responsible for halide segregation, but
rather towards a photo-induced, reversible migration of ions.
Our findings demonstrate that such photo-induced ion migra-
tion is aided in materials of low crystalline quality. There are
two plausible explanations for why such correlation may occur.
The first is that high material crystallinity and photo-stability
against halide segregation simply derive from the same effect:
that is, a perovskite crystal structure that lies well within the
Goldschmidt tolerance factor provides high barriers against
deterioration into both alternative crystal phases and halide
segregation. However, we consider this scenario unlikely as it
cannot explain why one given mixed-halide perovskite can
acquire higher photo-stability against halide segregation when
it is processed into films of higher crystallinity.62 We therefore
propose the second alternative as the more likely scenario,
which is that regions of short-range crystalline order aid the
photo-induced segregation of mixed bromide–iodide perovskites.

Fig. 4 Change of the average PL photon energy hEphi for emission from three
different CsyFA(1�y)Pb(Br0.4I0.6)3 films with y = 0.05, y = 0.20 and y = 0.60. The
films were exposed to continuous illumination over the course of 30 minutes
and excited at 400 nm with an intensity of 100 mW cm�2 (fluence of
0.1 mJ cm�2, pulse duration 100 fs, repetition rate 80 MHz). Blue, red and
black solid lines are guides to the eye. Inset: Spectral changes in emission
from a Cs0.6FA0.4Pb(Br0.4I0.6)3 film over 30 minutes of continuous
illumination.
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Such effects could for example derive from the large mismatch
in lattice constant between iodide-rich and bromide-rich perov-
skites (see Fig. 2a). Halide segregation within a single-crystal
mixed-halide structure would cause sizeable lattice strain at the
interfaces between iodide-rich and bromide-rich domains and
may therefore not be energetically feasible. Near a grain boundary,
or at the boundary between regions of short-range crystalline
order, such lattice strain could be more easily accommodated
without a penalty, facilitating halide segregation in materials of
low crystallinity. An alternative possibility is that halide segrega-
tion is nucleated at already existing defect sites or amorphous
regions which are present at grain surfaces in high density.58,59

Hence control over grain surfaces and crystallinity appear to be
key to photo-stable mixed halide perovskites.

Having established that highly crystalline CsyFA(1�y)Pb(Br0.4I0.6)3

perovskites are feasible in the region of 20% Cs+ inclusion, we
now explore the effect of varying halide composition. Mixed
lead halide perovskites APb(BrxI(1�x))3 offer excellent band gap
tunability that lends itself to light-emitting applications and
optimized bandgap materials for tandem solar cells. While for a
Si–perovskite tandem a 30–40% Br� perovskite top cell is required,
alternative perovskite–perovskite tandem solar cells with MAPbI3

require a top cell with higher than 60% Br� fraction.53 However,
photo-stable tunability across the full bromide–iodide range has
proven difficult for single-cation MA+, FA+ or Cs+ perovskites, with
crystallinity and charge-carrier mobility ‘gaps’ appearing in the
central region.15,42,50 Consequently, we unravel the optoelectronic
properties of the Cs0.17FA0.83Pb(BrxI(1�x))3 perovskite series with
varying Br content x.

We first examine trap-related monomolecular charge-carrier
recombination channels by analysing the photoluminescence
decay transients under low excitation fluences (Fig. S8, ESI†).
From stretched exponential fits we extract charge-carrier life-
times t across the series, which vary from 22 ns for 100%
bromide to 191 ns for the 100% iodide film. Fig. 5a displays
the inverse value t�1, that is, the mono-molecular decay rates
k1, as a function of bromide content for the whole series of
11 samples. Trap-related charge-carrier recombination increases
monotonically with increasing bromide content, in particular
beyond 60% bromide fraction.

This effect most likely results from larger trap state densities in
Br�-rich films, which could again be related to lower crystallinity,
in accordance with changes in charge-carrier mobility (vide infra).
It has been proposed that for very high Br� content, the thermo-
dynamic favourability of the perovskite a-phase in Cs+/FA+ lead
mixed-halide perovskites may decrease45 which could explain
the observed trend. However, despite this, the stabilizing effect
of Cs+ incorporation material series is a remarkable success,
since it results in long charge-carrier recombination lifetimes
in excess of several tens of nanoseconds even for the inter-
mediate mixed-halide region (0.3 o x o 0.5), in marked
contrast to FA+-only perovskites.15

We may further examine higher order recombination pro-
cesses, such as bi-molecular (k2) and Auger recombination (k3),
which typically17 only contribute significantly at charge-carrier
densities in excess of 1018 cm�3. We extract these rate constants

from THz photoconductivity transients obtained from ultrafast
optical-pump THz-probe spectroscopy (Fig. S9, ESI†) which
reflect the decay of charge-carriers following photo-excitation
with an intense pulse at 400 nm. Fits of the solutions to the rate
equation dn(t)/dt =�k3n3� k2n2� k1n, modified to account for the
excitation density profile (see ESI† for details) yield bi-molecular
(k2) and Auger recombination (k3) rate constants as a function of
bromide fraction, as shown in Fig. 5b & c. In excellent agreement
with our previous study,15 we find that increasing the bromide
fraction from 0 to 1 leads to an increase by roughly an order of
magnitude for both k2 (0.1–2.6 � 10�10 cm3 s�1) and k3 (0.1–0.8 �
10�28 cm6 s�1). Such correlations confirm that these processes are
intrinsic to band structure changes encountered across the series,
rather than crystallinity or disorder.15

Finally, we investigate the charge-carrier scattering mechan-
isms in Cs0.17FA0.83Pb(BrxI(1�x))3 which may be probed by
measurements of the PL linewidth and charge-carrier mobility
across the series (Fig. 6). Across the full range from 100%
iodide (x = 0) to 100% bromide (x = 1) the FWHM of the PL

Fig. 5 (a) Mono-molecular, (b) bi-molecular and (c) Auger recombination
rate constants, k1, k2 and k3 for mixed-halide Cs0.17FA0.83Pb(BrxI(1�x))3
perovskites with varying Br� content x. Values for k1 were extracted from
stretched exponential fits to PL decay traces from time-resolved PL
measurements. The inset to (a) shows an example PL decay trace for the
iodide-only mixed cation Cs0.17FA0.83PbI3 film, including a stretched
exponential fit (red line). Values for k2 and k3 were extracted from fits
to THz photoconductivity transients which are shown in the ESI† (Fig. S9).
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spectra exhibits a continuous increase up until x o 0.8 beyond
which a slight decrease is recorded. Two factors are likely to
influence the observed trends here. On the one hand, lowered
crystallinity and disordered alloy formation are associated with
higher energetic disorder, which yields broader PL spectra. This
effect has been observed through correlations between the FWHM
and the Urbach energy associated with absorption tails,64 and
with charge-carrier mobility.15 Such disorder may be more
prevalent for the central region where even bromide/iodide
content supports higher alloying disorder,63 and towards higher
bromide fraction because of the slightly decreased thermo-
dynamic favourability of perovskite a-phases in Br�-rich films.45

In addition to these extrinsic, disorder-related effects, intrinsic
factors such as changes in electron–phonon coupling can influ-
ence PL line shape broadening and charge-carrier mobilities.65

It has recently been shown that FAPbBr3 supports stronger
electron–phonon coupling via a dominant Fröhlich interaction
of charge-carriers with LO phonons than FAPbI3 because the
former is associated with a smaller value of the high-frequency
dielectric function.65 Hence the increase in electron–phonon
interactions can contribute to the trend of increasing PL broad-
ening with increasing bromide content.

Charge-carrier scattering caused by extrinsic disorder or
intrinsic interactions with phonons will also adversely affect
the charge-carrier mobility. To further investigate such effects,
we display in Fig. 6b charge-carrier mobility values as a func-
tion of Br� content, as extracted from THz photo-conductivity
measurements (see ESI† for details). We find a continuous
decrease of the mobility with increasing Br� content, in accordance
with the increase in charge-carrier scattering already evident in the
PL emission linewidth. Hence the highest charge-carrier mobility
values are found for iodide-rich films (0 o x o 0.2), and reach
excellent values between 34–40 cm2 V�1 s�1. The presence of
17% caesium in Cs0.17FA0.83PbI3 thus increases the charge-carrier
mobility by almost 50% with respect to FAPbI3 for which we have
previously reported15 a THz mobility of 27 cm2 V�1 s�1. Impor-
tantly, we find that caesium clearly stabilizes the charge-carrier
mobilities in the intermediate mixed-halide regime (0.3 o x o 0.5)
where values for Cs0.17FA0.83Pb(BrxI(1�x))3 now range between
15–24 cm2 V�1 s�1, in contrast to the B1 cm2 V�1 s�1 previously
reported15 for FAPbBr0.4I0.6. The addition of caesium hence
leads to a stabilization of the crystal structure against both
structural changes and halide segregation that is in turn
reflected in drastically improved charge-carrier motion through
the perovskite. High carrier mobilities within the active layer
are crucial for charge-carrier extraction from the complete
photovoltaic cell. To illustrate this point, Fig. 6b also displays
charge-carrier diffusion lengths LD calculated from the Einstein
relation using the determined charge-carrier recombination
constants (k1, k2, k3) and mobilities (see ESI† for details). At a
charge-carrier density typical17 for photovoltaic device opera-
tion (n B 1015 cm�3), we find charge-carrier diffusion lengths
in the micron range tuning monotonically from 0.8 mm for
Cs0.17FA0.83PbBr3 to 4.4 mm for Cs0.17FA0.83PbI3 without any
sign of the disorder and instability gap previously observed for
the FA+-only system. In addition, all values significantly exceed
the optical absorption depth, demonstrating that mixed-halide
perovskites can clearly serve as materials in efficient planar-
heterojunction solar cells across the full halide tuning range
thus enabling a variety of tandem combinations.

Conclusions

In summary, we have revealed pertinent links between crystal
phase stability, photo-stability and optoelectronic properties in
mixed-cation lead mixed-halide CsyFA(1�y)Pb(BrxI(1�x))3 perov-
skite films. By finely tuning the Cs+ content y in the perovskite,
we have ascertained a stable region between 0.10 o y o 0.30
of high crystalline quality, high photo-stability against halide
segregation and excellent charge-carrier lifetimes and mobili-
ties. Within this stable region, the effective cation radius of the
FA+/Cs+ mixture is located well within the Goldschmidt toler-
ance factor and hence stable formation of a perovskite a-phase
is preferred over deterioration into a photo-inactive yellow non-
perovskite d-phases. Within the CsyFA(1�y)Pb(Br0.4I0.6)3 series
we find optimized optoelectronic properties for y = 0.20, which
exhibits high charge-carrier mobilities of (18 � 2) cm2 V�1 s�1

Fig. 6 (a) FWHM of the PL emission spectra of mixed-halide
Cs0.17FA0.83Pb(BrxI(1�x))3 perovskites as function of Br� content x. Inset:
Correlation of the PL peak energy with changing Br� content. The red solid
line is a linear fit yielding EPL(x) = 0.72 eVx + 1.51 eV. (b) Effective charge-
carrier mobilities (black dots) and charge-carrier diffusion length (green
squares) of mixed-halide Cs0.17FA0.83Pb(BrxI(1�x))3 with varying Br� content.
Error bars indicate the range of values obtained.
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and charge-carrier lifetimes of B80 ns. Importantly, we demon-
strate that for materials with high crystallinity, photo-induced
halide segregation is strongly suppressed. We propose that
regions of short-range crystalline order, or grain boundaries,
enable halide segregation, possibly by releasing lattice strain
between iodide rich and bromide rich domains, or by providing
nucleation sites through defects or amorphous material accu-
mulated near grain boundaries. Such correlations also suggest
that the stoichiometry of the perovskite alone may not be the
only factor determining photo-stability. For example, even
within the parameter space explored here, changes in proces-
sing conditions or ambient moisture could erode crystallinity,
making these same materials susceptible to photo-induced
halide segregation. In addition, we postulate that A-cation
segregation could also trigger halide segregation; a normally
stable material with stoichiometry Cs0.2FA0.8Pb(Br0.4I0.6)3 could
still fall outside of the stability zone normally attained for
10–30% Cs+ if it was actually composed of segregated domains
with 0% (FA+ only) and 40% Cs, each of which falls outside the
stable range. These examples highlight that in order to attain
materials that are photo-stable against halide segregation,
processing routes must yield large grain sizes and even alloying.
As we show here, these targets are highly feasible. Finally, we
explore the orthogonal halide-variation parameter space
for Cs0.17FA0.83Pb(BrxI(1�x))3 perovskites over the full composi-
tional range (0 o x o 1). We demonstrate that once the material
contains a sufficient fraction of caesium, excellent charge-carrier
mobilities and diffusion lengths can be obtained across the full
iodide–bromide tuning range. Band gaps tune linearly with
Vegard’s law across the whole range, and unlike previously
observed for FAPb(BrxI(1�x))3, there are no effects of lowered
optoelectronic properties or stability in the central region. There-
fore, the addition of some caesium yields an otherwise elusive
perovskite system whose absorption onsets can be tuned for
optimized, photo-stable perovskite–perovskite and silicon–
perovskite tandem solar cells.
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